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Ambient temperature dwell sensitivity is known to be deleterious to the fatigue 
response of near-alpha titanium alloys. Dwell fatigue refers to the presence of a sustained 
hold at peak stress as opposed to the continuous variation of normal cyclic fatigue 
loading. This reduction in failure life-times from dwell loading is attributed to early crack 
nucleation and faster crack propagation. The degradation is the result of plastic 
anisotropy on the microstructural scale along with tendency of titanium alloys to creep at 
low temperatures at stresses well below the 0.2% offset yield strength. Despite being the 
most widely used titanium alloy, Ti-6Al-4V has not been the subject of most dwell 
fatigue research. Generally, dwell sensitivity is microstructurally dependent and believed 
to only affect Ti-6Al-4V when severe crystallographic texture is present and under high 
peak stress loading. Recent studies, however, have suggested that small clusters of 
preferred crystal orientations, known as micro-textured regions (MTR), can have a 
significant effect on the dwell sensitivities in Ti-6Al-4V even without severe overall 






In this study, smooth-bar fatigue specimens were subjected to uniaxial fatigue at 20 
Hz cyclic and 2-min dwell loading conditions under load-control at stresses 
representative of service conditions, until failure occurred. A reduction in specimen life-
times by approximately a factor of three was observed under dwell conditions, which was 
less than for the highly susceptible near-α titanium alloys such as Ti-6Al-2Sn-4Zr-2Mo, 
where the dwell debit is often in excess of a factor of ten. Measurement of fatigue and 
dwell fatigue crack growth rates revealed a significant acceleration of the dwell crack 
growth rates in certain cases. Backscattered electron imaging and electron backscattered 
diffraction were utilized to quantify the interaction between the cracks and local 
microstructure.  Though no correlation was found between crack growth rate and the 
local microstructure and crack trajectory, strong correlation was found between crack 
growth and the presence of grains with [0001] axes at small angles (<25º) with respect to 
the stress axis. These observations were further validated by serial sectioning to the 
fracture surface plane of a low life dwell fatigue specimen. The results showed that the 
accelerated growth rates, which produced a characteristic faceted fracture topography, 
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CHAPTER 1: INTRODUCTION 
Titanium is a structural and aerospace material that has been used industrially since 
the development of a mass production process in the 1940’s. High manufacturing costs 
have limited the scope of titanium applications to those that specifically require its unique 
set of mechanical properties. Resulting research pertaining to titanium and titanium based 
alloys is motivated by the need to optimize the overall cost and performance.  
The material studied in this thesis is the α/β alloy Ti-6Al-4V (Ti-64), the most widely 
used titanium alloy today. Ti-64 is not only naturally resistant to corrosion, but also 
exhibits appreciable strength, density, and fatigue properties making it a commonly used 
material in the manufacturing of turbine engine components [1]. The necessity of Ti-64’s 
use in rotating low temperature engine components became apparent in the late 1970’s 
when ruptured fan discs manufactured from the near-α titanium alloy IMI 685 caused the 
early service failure of two separate Rolls Royce RB-211 engines [2]. The α/β alloy Ti-64 
would go on to replace some of the near-α titanium components due to its significant 
service history without such incidents.  
 It was determined that early component failure could be attributed to damage 
susceptibilities in near-α titanium alloys to dwell fatigue loading conditions [2] [3]. Dwell 
fatigue refers to the presence of a sustained hold at peak stress as opposed to the 




laboratory simulation of the varying stress fields a turbine engine component may 
endure during a typical aircraft flight history. Dwell assessments to date have primarily 
focused on near-α titanium alloys and have consistently reported substantial reductions in 
the fatigue fracture-life under dwell loading when compared to normal cyclic conditions 
[4] [5] [6] [7] [8]. This degradation has been attributed to the anisotropic nature of 
titanium on the microstructural scale along with tendency of titanium alloys to creep at 
low temperatures and at stresses well below the 0.2% offset yield strength [2]. 
 Despite being a common material for low temperature turbine engine components, 
Ti-64 has not been the subject of significant dwell fatigue research. Generally, dwell 
sensitivity is microstructurally dependent and believed to only affect this finer grained 
variant when severe crystallographic texture is present and under high peak stress 
loading. Recent studies, however, have suggested that small clusters of preferred crystal 
orientations, known as micro-textured regions (MTR), can have a significant effect on the 
dwell response of Ti-64 in the absence severe overall texture in the material [8] [9] [10] . 
While crack nucleation under dwell fatigue is well understood [6], the mechanisms 
that drive potentially faster crack growth rates are not. Therefore, the overarching 
purpose of this thesis is to understand the role of microstructure on the crack propagation 
behavior in Ti-64 under dwell loading conditions. This work will report on the dwell and 
cyclic crack growth testing of Ti-64 specimens with varying microstructural properties. 
Principles of fracture mechanics were implemented to quantitatively describe crack 
growth behavior and several characterization techniques were utilized to observe the 
3 
 
underlying microstructure. Among others, methods such automated serial sectioning, 
electron backscattered diffraction (EBSD), and scanning electron microscopy (SEM) 
were essential in the quantification of crystallographic and fractographic features of the 
program specimens. Results here will help to elucidate the material factors that influence 
the dwell fatigue susceptibility of Ti-64  
 




CHAPTER 2: LITERATURE REVIEW 
2.1 Historical Perspective 
Titanium is the fourth most abundant naturally occurring metal on earth and as a 
result, is a persistent constituent of virtually all crystalline rocks and derived sediments 
[11] [12] [13]. Commonly, titanium is processed from mineral sources like ilmenite 
(FeTiO3) or rutile (TiO2) [12] but its strong affinity for both oxygen and nitrogen made a 
manufacturing process difficult to develop. Consequently, it was not until the 1940’s that 
a viable mass production method was developed by William Kroll, over 200 years after 
titanium’s initial discovery in the late 18
th
 century [13].  
Interest in titanium’s potential as a structural material piqued mid-way through the 
20
th
 century as its unique properties, such as high strength-to-density ratio and excellent 
resistance to corrosion, were better understood. Titanium would prove to be an excellent 
candidate as an aerospace material for applications ranging from engine components to 
air frames [13]. Successful development of titanium based alloys improved this range of 
suitable applications and lead to titanium’s increased role as an elevated temperature and 
high strength material. Today, Ti-6Al-4V (Ti-64) is the most widely used titanium alloy 
across many commercial industries. As an aerospace material, Ti-64 and other related 
alloys can expect to remain in service for the foreseeable future as viable replacements 




2.2 Basic Structures and Properties of Titanium 
Pure titanium exhibits an allotropic phase change from the hexagonal close packed 
(HCP) alpha (α) phase at low temperatures to the body centered cubic (BCC) beta (β) 
phase at approximately 882 °C [11] [13]. Commercially pure (~99%) titanium is typically 
available as a polycrystalline material in which only the α phase is present at room 
temperature. Alloying elements contribute to the stabilization of one or both of the phases 
and are classified as α stabilizers, β stabilizers, or neutral alloying elements. Alpha 
stabilizers can be classified into two categories, substitutional (larger atoms such as Al) 
or interstitial (elements such as O, N, C). Beta stabilizers are classified as isomorphous, 
eutectoid, or neutral depending on the resulting binary phase diagram such as those in 
Fig. 2-1. 
 
Fig. 2-1 – Effect of alpha and beta stabilizers on the titanium based binary phase diagrams. Diagrams are used 
to classify alloying elements. Taken from [13] 
As mentioned, some of the basic properties of titanium include high strength, low 
density, and excellent resistance to corrosion. The density of titanium is about 60% of 
that of steel or other similar superalloys while the tensile strength of titanium can be 
comparable to that of low-strength stainless steel [11]. Relatively high operating 
temperatures of titanium can range from 300 ˚C to 600 ˚C depending on the alloy [11]. 
Properties of titanium and comparable metals are given in Table 2-1. 
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Table 2-1 - Material properties of titanium and similar metals. Taken from [13] 
 Ti Fe Ni Al 
Melting Temp ˚C 1670 1538 1455 660 
Allotropic Transformation ˚C β --> α (882) γ --> α (912) -- -- 
Crystal Structure BCC > HCP FCC > BCC FCC FCC 
Room Temp E (MPa) 115 215 200 72 
YS (MPa) 1000 1000 1000 500 
Density (g/cm
3
) 4.5 7.9 8.9 2.7 
Corrosion Resistance Very High Low Medium High 
Cost Very High Low High Medium 
     
Exceptional corrosion resistance is a result of titanium’s high reactivity to oxygen. 
Exposure of titanium to an environment with traces of oxygen or moisture (water) results 
in a stable, continuous, and protective oxide film on the metal surface. This oxide layer 
protects the underlying metal from other corrosive species such as hydrogen, carbon, or 
sulfur [1] [13] that may be found in certain atmospheric conditions. However, corrosive 
oxidation damage to the metal can still occur at elevated temperature and severe 
oxidizing environments. 
2.3 Titanium Alloy Classification and Ti-6Al-4V 
Titanium alloys are categorized by four major classifications as determined by the 
phases present at ambient temperatures which are controlled by the type and 
concentration of alloying elements as well as processing history [11]. Those 
classifications are known as alpha, near alpha, alpha/beta, and metastable beta which all 
typically exhibit a polycrystalline microstructure. The isomorphous phase diagram shown 
in Fig. 2-2 illustrates the effect of increasing the atomic concentration of β-stabilizers on 




Fig. 2-2 – Depiction of alloy classification with respect to temperature and beta stabilizer content 
Microstructure of Ti-6Al-4V 
The subject material of this study, Ti-64, is an α/β alloy which can exhibit three 
different microstructural arrangements depending on the thermo-mechanical processing 
history and α and β stabilizer content. The potential microstructures can be classified as 
fully lamellar, bi-modal (duplex), or fully equiaxed [13]. Each can exhibit properties 
suitable for unique applications.   
Fig. 2-3 shows the processing route for obtaining a fully lamellar microstructure. The 
schematic shows the initial homogenization step followed by deformation via rolling or 
forging in either the β or α/β phase fields. The most significant step in obtaining a fully 
lamellar microstructure is the recrystallization process which takes place in the beta phase 
field following deformation. This results in a microstructure characterized by fine layers 
of α phase (or transformed beta) forming “lamellae” with prior beta phase at the 
boundaries. Fig. 2-4 gives a representative illustration of a microstructure of Ti-64 that 




Fig. 2-3 – Thermo-mechanical processing history of an α/β titanium alloy resulting in a fully lamellar 
microstructure. Taken from [13] 
 
Fig. 2-4 - Microstructure of Ti-64 after cooling from above the beta transus during recrystallization. Taken from 
[1] 
Size and alignment of α lamellae are dependent upon cooling rate and 
recrystallization temperature. With an increased cooling rate, the microstructure becomes 
less aligned and the α layer thickness decreases resulting in a Widmanstätten 
“basketweave” morphology which has been observed to increase crack growth resistance 
[3] [13] [14].  
The thermo-mechanical processing sequence in obtaining bi-modal microstructures 
common in α/β alloys follows a similar history as the one associated with fully lamellar 
microstructures. The difference is that deformation and recrystallization only takes place 
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in the α/β phase field. This results in globular primary alpha crystallites within a matrix 
of secondary α (transformed β) shown in Fig. 2-5 for Ti-64. Microstructural 
characteristics such as the size and volume fraction of primary alpha particles depend on 
cooling rates and processing histories. Slower cooling rates following the 
recrystallization in the α/β phase field result in the growth of the primary α grains. 
Continued primary α grain growth would eventually lead to the development of a fully 
equiaxed microstructure in which only large primary α grains with intergranular β phase 
are present [13]. 
 
Fig. 2-5 – Bi-modal (duplex) microstructure of Ti-64. Micrograph shows both primary and secondary α 
crystallites. 
Mechanical properties of titanium alloys are known to be microstructure dependent. 
For example studies have shown that fracture toughness in a fully lamellar α/β alloy is 
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related to α colony size [15]. The same study showed that bi-modal arrangements exhibit 
higher yield stress and ductility when compared to the fully lamellar microstructure.  
With regards to chemical composition, aluminum and vanadium are α and β phase 
stabilizers respectively in Ti-6Al-4V. Oxygen and nitrogen are also present in low 
quantities, usually between 0.08% and 0.2% by weight for oxygen and up to 0.05% for 
nitrogen. Alloying content can vary depending on the application which in the case of Ti-
64 can include aerospace engine components, marine applications, surgical implants, 
automotive, and others. Higher content of these alloying elements, especially oxygen and 
nitrogen, typically leads to higher strength. Alternatively, lower additions of oxygen, 
nitrogen, and aluminum may improve ductility, corrosion resistance, and fracture 
toughness [1].  
2.4 Unique Mechanical Properties of Titanium 
This section will outline the relevant properties of titanium and titanium alloys that 
are controlled by the crystal structure. Polycrystalline materials such as titanium are made 
up of individual crystallites, or grains, which can exhibit unique crystal orientations. 
Because of crystal symmetry, the orientation of a crystallite can be described by the 




Fig. 2-6 – Schematic and description of the Miller-Bravais lattice notation used to identify crystal direction. 
Taken from [16] 
Elastic Anisotropy  
Zarkades and Larson detailed the fundamentally anisotropic nature of the HCP α 
phase in titanium alloys [17] showing that the stiffness (modulus of elasticity) is 
dependent upon the orientation of the crystal structure with respect to the stress axis. In 
Fig. 2-7, the declination angle (γ) represents the angle between the vector normal to the 
HCP basal plane (crystal direction [0001]) and the loading direction. When γ is zero and 
the c-axis of the crystal structure is parallel to the loading direction, it exhibits the highest 
elastic modulus of 145 GPa. As the declination angle increases to 90°, the stiffness of the 




Fig. 2-7 – Elastic modulus vs declination angle for hexagonal close packed atomic arrangement in Titanium α 
phase. Taken from [17] 
In this study, crystal orientations with declination angles less than 25° are considered 
to be “hard” orientated based on the high modulus of elasticity (stiffness). As the 
declination angle increases, the modulus of elasticity decreases resulting in “soft” 
orientations in which elastic deformation is much easier. 
Plastic Anisotropy 
The titanium α phase is also known to exhibit anisotropic plastic deformation due to 
its hexagonal structure. In this context, a slip system refers to symmetrically identical slip 
plans and associated slip directions for which dislocations can easily move leading to 
plastic deformation. The magnitude and direction of slip is identified by the burgers 
vector. The titanium α phase has three known slip planes (Fig. 2-8) which are basal, 




Fig. 2-8 – Slip systems in a HCP crystal 
The slip directions associated with the titanium α phase are along < 112̅0 > direction 
with a ?⃗? burgers vector, [0001] direction with a 𝑐 burgers vector, and along < 112̅3 > 
direction with a 𝑐 + ?⃗?  burgers vector. Most commonly, slip occurs along the  < 112̅0 > 
direction for basal and prismatic planes while the 𝑐 + ?⃗? slip can only occur on a pyramidal 
plane.  
A shear stress is required on the slip plane for dislocation glide; therefore slip activation is 
determined by the resolved shear stress that results from some applied nominal tensile stress.  
Take for example Fig. 2-9 which shows a cylindrical sample with an inclined slip system. The 
shear stress that is resolved onto the slip plane can be calculated using equations (1) and (2) and is 
a function of the applied tensile stress, the angle between the slip plane and stress axis (φ), and 




Fig. 2-9 – Example of cylindrical tensile specimen with an identified slip system where the angles that govern 
equation (2) are given. Taken from [16] 
𝝉𝑹𝑺𝑺 =  𝑭 ∗ 𝒇𝑺𝒄𝒉𝒎𝒊𝒅𝒕   (1) 
𝒇𝑺𝒄𝒉𝒎𝒊𝒅𝒕 = 𝑪𝒐𝒔(𝝋)𝑪𝒐𝒔(𝝀)  (2) 
 Equation (2) is for the Schmidt factor and it should be obvious that as this term 
increases, dislocation glide becomes more likely due to a higher resolved shear stress. 
The maximum Schmidt factor occurs when λ = φ = 45º. For slip to be activated, the shear 
stress must exceed the Critical Resolved Shear Stress (CRSS) which represents the 
minimum required for dislocation glide. The CRSS for  ?⃗? basal, ?⃗? prismatic, and 𝑐 + ?⃗? 
pyramidal slip systems are given in Fig. 2-10. It is shown here that 𝑐 + ?⃗? pyramidal slip 
requires a significantly higher CRSS meaning that for 𝑐 + ?⃗? slip to occur, the other slip 
systems must have a low Schmidt factor. This happens when the [0001] direction of the 
HCP crystal is nearly aligned to the stress axis representing a ‘hard’ orientation as given 
in Fig 2-11. Thus, hard orientations require higher stresses to deform both elastically and 
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plastically where plastic deformation of these orientations is primarily the result of 𝑐 + ?⃗? 
pyramidal slip. 
 
Fig. 2-10 – Differences in the CRSS of the slip systems of the titanium α phase. Taken from [13] 
 
Fig. 2-11 – Schematic showing how the stress axis determines the activated slip systems 
Ambient Temperature Strain Accumulation 
A mechanism thought to contribute to dwell sensitivity is the time-dependent process 
of creep. For most materials, creep is only considered a significant deformation 
16 
 
mechanism at high temperatures. With titanium, however, strain accumulation has been 
shown to occur even at ambient temperatures [18] [19] with numerous studies detailing 
the low temperature creep behavior of titanium. With respect to dwell fatigue, strain 
accumulation has shown to be greater in dwell loading than in cyclic fatigue [18] [20]. 
Fig. 2-12 shows strain accumulation with respect to loading type detailing the propensity 
for strain to accumulate more under dwell. The hold at peak stress, even below yield, has 
been observed to significantly contribute to the creep behavior of titanium alloys.  
 
Fig. 2-12 – Strain accumulation for dwell and cyclic conditions. Taken from [2] 
Stress Redistribution 
As a result of the elastic and plastic anisotropic nature of titanium, stress and strain 
are non-uniform in polycrystalline titanium material under tension. A stress redistribution 
model was developed by modifying a creep model proposed by Clarke [21]. Clarke’s 
model stated that changes in creep-strain rate are attributed to a process of internal-stress 
redistribution between hard and soft regions of material while for each region the creep 
rate depends only on its stress. The redistribution model was then adapted to describe the 
anisotropic deformation of titanium alloys on the microstructural scale. It states that a soft 
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oriented grain with a higher declination angle (γ) will experience more strain 
accumulation for the same overall applied stress (σapp) than a harder oriented grain. 
Consider now that those two grains (or regions of grains) sit adjacent to each other. Those 
two grains would be constrained to some effective intermediate level of strain which 
would be higher for the hard grain and lower for the soft grain. The harder oriented grain 
will subsequently experience a greater stress that was “redistributed” by the soft grain. 
An illustration of the redistribution model is given in Fig. 2-13. 
 
Fig. 2-13 – Illustration showing how stress and strain can be redistributed in titanium as a result of grain 
misorientation. Taken from [2] 
 This was later confirmed in a study by Ghosh et al.which used finite element 
simulations of polycrystalline microstructures of Ti-6242 (Fig 2-14). The results showed 
areas of significant stress concentration and strain accumulation as a result of 




Fig. 2-14 – Crystal plasticity models of Ti-6242 showing redistribution of stress and strain accumulation. Taken 
from  [22] 
2.5 Texture vs Microtexture 
Early dwell fatigue studies on Ti-64 concluded that dwell susceptibility is only 
apparent in heavily textured material [23]. Texture is the degree of preferred 
crystallographic orientation present in a polycrystalline aggregate such as titanium, i.e. a 
microstructure with many grains of similar crystal orientation is said to be textured. 
Texture development occurs during the deformation stage of the thermo-mechanical 
processing and is related to the phase field in which it takes place [2]. Texture refers to 
the crystallographic nature of the microstructure on a more comprehensive scale, 
meaning it ignores any spatial distribution of texture components.  Anisotropy related to 
crystallographic orientation of the titanium α phase suggests a significant role of texture 
on the mechanical properties of titanium and specifically Ti-64.  
Even in the absence of overall texture, small clusters of similarly oriented titanium α 
grains known as Micro-textured Regions (MTR) can be present in a material. While not 
an important factor in the macroscopic properties of titanium, recent studies have shown 
MTRs can still significantly influence the behavior of flaws and cracks on the same 
length scale especially under dwell loading conditions [8] [9] [24]. Fig. 2-15 shows a map 
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of a Ti-64 microstructure where the crystal orientation of each α grain is represented by a 
specific color. Clusters of similar color represent a clear presence of MTRs.  
 
Fig. 2-15 – Map of grain orientations from a Ti-64 sample with a known presence of Micro-textured Regions. 
Grain orientations are represented by color. 
Graphical Representation of Texture 
To adequately describe crystallographic texture, characterization methods are needed 
to identify grain orientations in a given sample material. Electron backscattered 
diffraction (EBSD) is a characterization method which uses the diffraction patterns from 
backscattered electrons to identify crystal orientation on a sample surface. A more 
comprehensive description can be found in literature [25].  The distribution of 
orientations in a given material can be represented using pole figures which provide a 
graphical representation of the orientation of objects in space. In this context, pole figures 
show the distribution of orientations with respect to the c-axis, or [0001] crystal direction. 
Consider an HCP crystal structure, such as that exhibited by the titanium alpha phase, at 
the center of a unit sphere. If the normal to the basal plane ([0001] direction) is projected 
to the surface of the unit sphere where that point is then connected to the southernmost 
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pole, the equatorial line of intersection is what represents a given orientation on a two 
dimensional plane known as a stereographic projection. Fig. 2-16 gives an illustration of 
how pole figures can represent the orientation of a single object in space. It should be 
noted that, in this work, the [0001] direction is the subject of analysis but any crystal 
direction could be used as a reference in pole figure analysis. 
 
Fig. 2-16 – Schematic showing how stereographic projections illustrate the orientation of objects in space.  
Examples of stereographic projections describing a material with a uniform 
distribution of orientations and a material with considerable texture are given in Fig 2-17.  
 
Fig. 2-17 – Sample pole figures showing stereographic projection of orientations with respect to the [0001] 
direction (a) gives a more uniform distribution while (b) shows  clear preferred orientations identified by the 
dense regions of points. 
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Consider an EBSD data set which has information regarding the orientation of many 
crystallites in a given surface area. The orientations of each point in an EBSD scan are 
collected onto a single stereographic projection. If any degree of texture exists, high 
density areas representing the intersections on the stereographic projection corresponding 
to crystallites with that particular orientation would be present. The density of 
intersections is then computed as pole figure intensity which can be plotted in similar 
fashion to a heat map over the stereographic projection where clusters of orientations and 
their densities are identified by a range of colors corresponding to the pole figure legend. 
More information regarding texture analysis and pole figure interpretation can be found 
in literature [26]. 
While a pole figure represents a crystal direction within the sample reference, an 
inverse pole figure (IPF) shows a specific sample direction within the crystal system. Due 
to the symmetry of the crystal system in most cases, the inverse pole figure legend can be 
reduced to the unit triangle shown in Fig. 2-18. This unit triangle represents all potential 
orientations of a HCP crystal. Coloring of the IPF legend indicates the crystal direction 
an orientation is aligned with. 
 
Fig. 2-18 – Unit triangle representing potential HCP orientations 
This can be used to map the area over which EBSD data is obtained showing the 
orientation of each individual grain. Take for example Fig. 2-19 which shows the 
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microstructure of Ti-64. Orientations of individual grains on the image are shown with 
respect to the color from the unit triangle in Fig. 2-15. In this context, crystallites 
identified by the color red are oriented parallel with the [0 0 0 1] direction, likewise for 
the colors associated with the [1 0 1 0] and [2 1 1 0] directions are blue and green 
respectively. All other orientations can be represented by the corresponding blend of the 
red, green, and blue color scheme.   
 
Fig. 2-19 – IPF map of Ti-64 microstructure showing orientation of individual grains 
2.6 Principles of Fatigue and Fracture 
Motivation for this work stems from the need to better understand the fatigue 
behavior of materials to improve existing component failure-life prediction methods 
which have advanced steadily within the aerospace industry since the beginning years of 
turbine engine development. Early approaches were based on empirical stress-life curves 
from comprehensive mechanical testing results. As engine material technology improved 
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however, components were increasingly subjected to conditions near the limit of what 
they were expected to endure during service [27]. The severe service conditions 
contributed to substantial variability in the fatigue behavior of the materials which 
required a more conservative design of safety critical components. Upon the advent of 
linear elastic fracture mechanics (LEFM), defect tolerant methodologies were introduced.  
Through the understanding of physics based fracture mechanisms in a continuum, flaw 
extension could be managed to improve component service life and provide confident 
safety assurance.  
Whilst these represent appreciable methods for component life prediction, they 
remain extremely conservative neglecting to account for microstructural variability 
known to heavily influence fatigue behavior on the length scale over which 
homogenization breaks down and where material properties are dependent upon the 
ensemble of its local constituents (mesoscale) [28]. At this scale, flaws (cracks) are 
highly sensitive to the underlying microstructure and represent the stage in crack growth 
which commonly takes up the majority of a component’s failure-life [29].  
Fundamentals of fracture mechanics and crack behavior quantification 
Principles of linear elastic fracture mechanics (LEFM) were implemented in this 
work to quantify crack growth behavior. Most notably is the parameter stress intensity 
(K) and the corresponding relationship to crack propagation rate (
𝑑𝑎
𝑑𝑁
), where “a” is crack 
length and “N” is cycles. Stress intensity, typically given in units of MPa√𝑚, is used to 
describe the magnitude of the distribution of stress around the crack tip. Stress intensity is 
dependent upon crack geometry, size, loading mode, and location within the sample [30]. 
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One configuration for which a closed-form solution exists for stress intensity is the case 
for a mode I edge crack in an infinite medium given in equation (3). Fracture modes are 
given in Fig. 2-20. There also exist numerous other solutions of stress intensity for 
different crack configurations that can be found in literature.  
𝐾1 = 𝜎√𝜋𝑎  (3) 
 
Fig. 2-20 – Illustration of fracture modes. Mode-I represents a tension only state in which the crack would be 
growing orthogonal to the loading direction. Taken from [31] 
Stress intensity is useful in the context of fatigue. Under normal fatigue loading 
shown in Fig. 2-21, 𝐾𝑀𝑎𝑥 is the value of stress intensity at the maximum stress while 
𝐾𝑀𝑖𝑛 corresponds to the stress intensity at the minimum stress. These are usually 
consolidated in the term ∆𝐾, stress intensity range, which is simply the difference 




Fig. 2-21 – Normal fatigue loading plotted as stress over time 
Based on experimental observation, a schematic of crack propagation rate with 
respect to stress intensity is given in Fig. 2-22. The three regions depicted on the plot are 
small crack growth (I), stable growth (II), and fast fracture (III). Paris and Erdogan [32] 
were the first to model the fatigue crack growth in region II with the power law 
relationship given by equation (4). According to this relationship, crack growth rate is 
intrinsically dependent upon the stress intensity range.  
𝑑𝑎
𝑑𝑁
= 𝐶 ∆𝐾𝑚  (4) 
 
Fig. 2-22 – Schematic showing variation of crack growth rate 𝒅𝒂 𝒅𝑵⁄  with the range of stress intensity 
factor ∆𝑲. Taken from [31] 
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For the Paris crack growth model in equation (4) both “C” and “m” are material 
parameters determined experimentally. Crack growth variability is most significant in the 
small crack regime (region I of Fig 2-22). This is considered to be the length scale in 
which microstructure most influences crack propagation.  
Small vs long crack behavior 
 It is imperative to this study that a distinction is made between what are known as 
microstructurally small cracks (MSSC) and long cracks. MSSC are said to be on the scale 
of the material microstructure (grain size) and exhibit a high degree of variability in 
growth behavior. Studies have shown that small cracks in metals can grow at 
significantly faster growth rates for lower nominal stress intensity range values when 
compared to long cracks [33]. In contrast, long crack rates are intrinsically dependent on 
the stress intensity range and can therefore be predicted using traditional principles of 
LEFM. 
Following crack nucleation, a MSSC would propagate along stress planes in which 
there is a high resolved shear stress. The crack would then propagate until it is 
decelerated by high angle grain boundaries, inclusions, or other microstructural artefacts 
[34] leading to a high degree of variability. Once a crack grows to a large enough size 
however, plastic deformation occurs ahead of the crack tip due to intense stress 
concentration. Fig. 2-23 shows the stress gradient at the tip of a Mode I crack. As the 
distance towards the crack tip (r) decreases, the stress concentration increases until it 
exceeds the yield stress resulting in a region of plastic deformation. Once the plastic zone 
in front of the crack (size of which is given by rp) becomes sufficiently large, it would be 




Fig. 2-23 – Plastic zone in front of Mode I crack tip as a result of stress concentration. Plastic deformation 
occurs once stresses exceed yielding 
2.7 Dwell Fatigue in Titanium Alloys 
Description of Dwell Loading  
The effect of dwell loading conditions on the fatigue behavior in near α titanium 
alloys was first documented in the early 1970’s following the rupture of two titanium fan 
discs in Rolls-Royce engines which occurred considerably earlier in component lifetime 
than what was predicted by conventional methods during that period. The fan discs were 
manufactured from the alloy IMI 685, a near-α alloy, and had entered service after 
satisfying all pre-service requirements [2] [3]. In service, IMI 685 was replaced with the 
α/β alloy Ti-64 due to its already proven service experience without any premature failure 
incidents. IMI 685 is alloyed with 6 wt. % of Al (α stabilizer) and 5 wt. % of Zn (α and β 
strengthener) meaning it has considerably less beta stabilizer content than Ti-64. Because 
of the successful use of Ti-64 in service, α/β alloys in general were believed to be 
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insensitive to dwell loading, a claim that has been refuted in more recent studies [10] [35] 
[36].  
It was agreed that for rotating aerospace engine components such as fan blades or 
discs, a simple load/unload cycle does not adequately represent stress states experienced 
during service. Rather, a more accurate model would consider the constant loading that 
those components may endure during an aircraft’s maneuvers, takeoff, landing, and 
cruising. The implementation of a hold at peak stress (dwell period) is used to replicate 
these conditions in a laboratory setting. Typical dwell loading cycles are given in Fig. 2-
24.  
 
Fig. 2-24 – Typical dwell loading cycles that show constant peak stresses which are held for a predetermined 
periods of time.  
Reductions in fracture life under dwell loading can be described by what is known as 
the dwell debit. This term refers to the ratio between the number of cycles to failure (nf) 
under cyclic conditions to the number of cycles to failure under dwell for the same peak 
stress and load ratios. For example, if a titanium specimen fails at 40,000 dwell cycles 
while an identical specimen subjected to cyclic loading fails in 150,000 cycles, the dwell 
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debit is simply 
150,000
40,000
, or 3.75 X. As the dwell debit increases, the material’s dwell 
sensitivity is said to increase as well.  
Early Dwell Assessments 
Studies have shown consistently that near-α titanium alloys are highly dwell sensitive 
and can exhibit dwell debits of up to 20X depending on the alloy and composition [37]. 
Early dwell studies focused primarily on near-α titanium alloys and elucidated the effects 
of hold time, temperature, and environment [14] [23] [38] [39] [40]. For example, 
Hoeppner et al. showed that the near-α alloy IMI685 exhibited the maximum dwell effect 
for hold periods between 15 seconds and 1 minute while Stubbington and Pearson 
showed that for the α/β alloy Ti-6Al-4V, a 5 minute dwell period only effected the 
lifetime when significant rolling texture was present [23]. More recently, a dwell time of 
2 minutes has been adopted as a practical period for dwell fatigue testing [2].  
Studies by Hoeppner, Postans, and Stubbington showed that the dwell effect is 
temperature dependent by observing the dwell fatigue response of near α titanium alloys 
at a wide range of temperatures from as low as -70˚ C to as high as 300˚ C [23] [39] [40]. 
At ambient temperatures the dwell response is most severe while at elevated temperatures 
around 300˚C dwell sensitivity is not observed. Low temperature (-70˚ C) tests showed 
similar behavior to those ran at ambient temperatures. However, significantly low 
temperatures do not reflect the actual service conditions and the conclusion is that dwell 
fatigue is almost exclusively an ambient temperature phenomenon with regards to its 
relevant application.   
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The topography that is associated with dwell fracture was observed to be similar to 
that of hydrogen induced sustained load cracking [41]. As a result, environment and 
hydride formation was an early explanation for brittle fracture features present on dwell 
fracture surfaces. Hydrogen was shown by Boyer et al. [42] [43] [44] to affect the dwell 
response of titanium alloys resulting in faster crack growth. However, levels of hydrogen 
necessary to significantly impact the dwell response ranged from 100-300 ppm which is 
typically higher than that of stock materials around 60 ppm [2]. In fact, in one study IMI 
685 was heat treated to extract hydrogen content to less than 10 ppm and dwell sensitivity 
was still exhibited [45]. While the effect of dwell sensitivities are not caused by hydrogen 
induced cracking, hydrogen has been shown potentially play a role in the process of 
plastic deformation and dislocation motion [8]. 
2.8 Characteristics of Dwell Fracture 
It is commonly reported that specimens under dwell conditions at peak stresses below 
yield exhibit subsurface initiation [46]. This is reasoned to be related to stress 
concentration as a result of the phenomenon of stress redistribution in titanium that was 
detailed earlier. Virtually all dwell studies report “cleavage-like” planar features known 
as facets on the fracture surface near crack nucleation sites. Those facets have been 
observed in early studies and more recently to be nearly perpendicular to the stress axis 
and exhibit primarily ‘hard’ crystal orientations [5] [36]. An example of such facets is 




Fig. 2-25 – SEM micrograph at 500x of the fracture surface of a Ti-64 dwell specimen. The region of facets is 
outlined on the image. 
Early dwell studies suggested that Ti-64 is only dwell sensitive when a high degree of 
crystallographic texture is present and only specimens which exhibited a preference for 
‘hard’ orientations had an observed dwell response [23]. More recently however, it has 
been shown that the presence of micro-textured regions can have an equally significant 
effect on the dwell debit observations especially in near-α alloys. In fact, Woodfield et al. 
concluded that the microstructural features controlling the dwell response in α+β 
processed Ti-6242 included the size, shape, and volume fraction of MTRs as well as the 
size and density of primary alpha grains [24]. This is followed up by the findings of 
Kassner et al. which showed that increasing volume fractions of primary alpha in Ti-6242 
resulted in larger dwell debits [47]. Sinha, Pilchak et al. showed that the size and shape of 
the faceted regions on dwell fracture surfaces coincided with the size and shape of 
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measured MTRs [8] [48] for the near-α alloys Ti-6Al-2Sn-4Zr-2Mo (Ti-6242) and Ti-
8Al-1Mo-1V. While this was reported for near-α titanium alloys, due to similarities in 
microstructure, it is reasoned that similar conclusions may be drawn for α/β Ti-64.  
2.9 Dwell Debit Contributions 
Dwell fatigue still represents a relatively unsolved engineering problem and there has 
been much debate regarding what contributes to observed dwell debits. The general 
consensus was that it was the result of early crack nucleation rather than propagation. 
Evans and Bache proposed a widely accepted model for early dwell crack nucleation [6]. 
This was a modification of a model proposed by Stroh in 1954 to described the formation 
of planar slip bands in grains unfavorably oriented for basal slip activation [49] (hard 
orientations). It stated that, under uniaxial tension, initial deformation takes place in an 
adjacent primary α or α colony crystallite whose c-axis is oriented ~45˚from the stress 
axis allowing for significant ?⃗? type prismatic and basal slip. Dislocation pileup on the 
grain boundary would induce additional shear stress onto a ‘hard’ oriented (lower 
declination angle) neighboring grain. That additional stress would resolve onto the basal 
plane causing the development of planar slip bands which would then progressively 
separate during cycling until a crack nucleates. A graphical depiction of this process is 




Fig 2-26 – Stroh model that has been adopted by Evans and Bache to describe dwell crack nucleation [6] 
Further uncertainty regarding dwell crack propagation behavior was due to the 
inconsistent results relating to dwell crack growth in titanium. Some studies reported 
faster crack growth while others reported no change in growth rates at all. Some even 
showed that slower crack growth was observed when compared to cyclic conditions [2] 
[5] [7] [41] [42]. These inconsistent results stem primarily from significant variations in 
the microstructure and texture of program materials. They can also be attributed to the 
use of compact tension specimens (Fig. 2-27) for dwell crack growth tests which are 
typically used to replicate long crack growth and as a result cannot be used to observe 




Fig. 2-27 – Schematic of compact testing specimen which is typically used to replicate stable crack growth 
behavior 
Recent studies have been able to prove that differences in dwell crack growth rates 
can be consistently measured in microstructurally small cracks for IMI 834 and Ti-6242 
[2] [50]. Toubal et al. reinforced this claim by showing that for IMI 834, the dwell debit 
is a contribution from both early crack nucleation as well as faster crack propagation 
[51]. It was shown that earlier nucleation did not necessarily equate to the lowest cycles 
to failure under dwell conditions as depicted in Fig. 2-28. 
 
Fig. 2-28 – Ratio of cycles to nucleation (Nc) to cycles to failure (Nf) versus the number of cycles to failure (Nf). 
Results suggest dwell debit is caused by both early nucleation of cracks as well as faster crack growth rates. 
Taken from [51] 
35 
 
2.10 Mechanisms of Dwell Crack Propagation 
Recall that titanium has a unique propensity to accumulate strain even at ambient 
temperatures. Sinha et al. showed that at high peak stresses, dwell fatigue failure is 
caused primarily by static deformation/damage processes (creep). As the peak stress is 
reduced, the cyclic processes of the overall dwell-fatigue failure become more dominant 
[37]. Essentially, dwell fatigue was shown to be a mixture of creep and cyclic 
deformation depending on the stress level. This was backed up by results from 
Transmission Electron Microscopy foils which showed significant < 𝑐 + ?⃗? > slip and 
strain accumulation in facets from dwell fracture surfaces for tests performed below 
yielding. This means that despite the brittle appearance, facet regions associated with 
dwell fatigue are known to accumulate significant plastic deformation damage during 
faceted crack propagation [52]. 
 Other studies showed that dwell fatigue life increased as the faceted region on the 
fracture surface was decreased [8]. Pilchak showed that striations can be found dwell 
fracture surfaces (Fig. 2-29a) which are generally associated with cyclic crack growth 
and are the result of a sequence of blunting and sharpening caused by plastic deformation 
at the crack tip. The striation growth in dwell specimens were indistinguishable from 
striations in normal cyclic fatigue and even grew at the same rate as determined by the 
striation spacing. Faceted crack growth however was recorded to grow up to two orders 
of magnitude faster than cyclic crack growth. There is also evidence that there is a cycle 
by cycle propagation through dwell facets (Fig 2-29b) meaning this is not cleavage 
fracture [9]. Finally, it was concluded in the same study that striations occurred over 
‘soft’ oriented grains whereas faceting is known to occur over ‘hard’ orientations. Both 
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fracture features were also found at the same crack length suggesting that grain 
orientation has a more pronounced effect than the stress fields around the crack tip.   
 
Fig. 2-29 – Crack propagation features found on dwell fracture surface 
As dwell fatigue research in titanium alloys progress, it is becoming clear that the 
presence of hard oriented MTRs can lead to faceted and subsequently faster crack growth 
rates. This could be potentially disastrous if there are similar microstructural conditions 
in titanium engine components today. The relationship between faceted crack growth and 
underlying MTRs has only been documented for near-α titanium alloys and has only been 




CHAPTER 3: OBJECTIVES, MATERIALS, AND PROCEDURES 
3.1 Objectives 
The focus of this work is on the dwell crack behavior of Ti-6Al-4V. It aims to meet 
the needs of the greater research community given the following: 
 Dwell assessments to date have primarily focused on near-α titanium alloys even 
though α/β titanium alloys such as Ti-6Al-4V are commonly used in the low 
temperature sections of turbine engines where the dwell phenomenon is known to 
occur.  
 Dwell crack behavior has not been directly observed with respect to the 
underlying microstructure which is now known to heavily influence the dwell 
response of near- α titanium alloys 
 Near- α and α/β titanium alloys share similar microstructures. Therefore small 
crack dwell sensitivities experienced in near-α alloys can potentially be observed 
in Ti-6Al-4V to some capacity.  
Given the following, the main objectives for this work is as follows: 
1. Directly observe crack propagation behavior and characterize the underlying 
microstructure through which cracks are growing to determine if crystal 
orientation is the main influence on dwell crack propagation. 
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2. Determine if dwell sensitivity in α/β Ti-6Al-4V can be observed in the absence of 
severe macroscopic texture. 
3. Elucidate the role of micro-textured regions on the dwell crack behavior of Ti-
6Al-4V. 
3.2 Program Material 
The material in this work is forged Ti-6.51Al-4.21V-0.2O with approximately 23 
ppm of hydrogen. There were two lots of Ti-64 material that exhibited a bi-modal 
microstructure suggesting that the deformation and recrystallization stages of the thermo-
mechanical processing was done in the α/β phase field (Fig. 2-3 shows a similar 
processing route but for a fully lamellar microstructure).  The deformation stage is 
believed to be the cause of varying degrees texture that is exhibited by the material. 
Consequently the first lot of the program material exhibited a low degree of texture while 
the second exhibited a high degree of texture. This is shown in pole figures that represent 
both lots of materials in Fig. 3-1. Of particular interest in this study is the number and 
density of MTRs relating to the level of observed macro-texture. Areas in the forging 
associated with a high degree of texture are likely to result in a more significant presence 
of MTRs whereas the opposite is true for areas with lower degrees of texture. This is 
exemplified in Fig. 3-2. Since both areas of the forging underwent identical thermo-
mechanical processing histories, a unique opportunity was presented to carry out 
experimental testing and analysis on specimens that have varying degrees of texture and 
concentration of MTRs while composition and grain size statistics remain relatively 
constant. The overall experimental goal is to elucidate the role of texture and MTRs on 
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the dwell crack growth behavior of Ti-64 by comparing the performance of specimens 
machined from the high and low textured areas in the forging.  
 
Fig. 3-1 – Representative pole figures of the program material. The high textured material exhibits preference 
for hard orientations. 
 
Fig. 3-2 – IPF maps of the high and low textured program material. The highly textured Ti-64 appears to exhibit 
a higher density of MTRs than the low textured material 
Microstructural statistics regarding primary α crystallites showed an average grain 
size of 10.6 μm and volume fraction of 46 ± 2%. Fig. 3-3 shows a representative electron 
backscattered micrograph obtained via a FEI Sirion scanning electron microscope (SEM) 
at both 250x and 500x magnifications. The micrograph shows primary alpha (αP) 
crystallites within a matrix of transformed beta containing lamellar alpha particles, 
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typical of an α/β bi-modal microstructure. Fig. 3-4 shows a micrograph at 2500x 
depicting, in detail, alpha lamellae within the transformed beta particles as well as the 
more globular primary alpha  grains. SEM images reveal the existence of both aligned 
and basketweave morphologies within transformed beta particles, although the volume 
fraction of each was not determined in this thesis work. 
 
Fig. 3-3 – Representation of program microstructure at (a) 250x and (b) 500x magnification 
 
Fig. 3-4 – 2500x magnification SEM images. More detailed image showing the lamellar alpha formed in 
transformed beta as well as the globular primary alpha phase particles 
3.3 Experimental Approach and Testing 
In total, 7 specimens were used in testing where multiple cracks could be observed 
from each sample. Specimens were cut from both lots of material and are known 
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henceforth as “High Textured Specimens” or “Low Textured Specimens” depending on 
the lot of material from which they were machined`. 
Both dwell and cyclic tests were run such that a baseline exists to adequately identify 
faster crack growth rates. In total, 36 cracks were observed from the 7 specimens that 
were included in this thesis (multiple cracks per specimen). Dwell tests were carried out 
for both high and low textured specimens while all cyclic test results presented in this 
thesis were run using low-textured specimens only. All dwell tests utilized a 2 min dwell 
period at peak stress. Fatigue crack growth tests were performed according to ASTM 
E647 using servo-hydraulic test frames at a max stress of approximately 84% of the yield 
strength associated with Ti-64 (σys ~ 930 MPa).  
Cracks in the Ti-64 specimens were artificially initiated using a focused ion beam 
(FIB) which was used to micro-mill notches into the specimen. FIB notches were 30 μm 
x 5 μm and milled 15 μm into the specimen as shown in Fig. 3-3. Notches were also 
placed greater than 7 mm apart such that the associated crack stress fields would not 
interact.  
 
Fig. 3-5 – Notch on the surface of one of the Ti-64 specimens 
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Cracks were monitored by periodically interrupting tests for acetate replication in 
accordance with the standard ASTM E1351. The acetate replications duplicated the 
sample’s surface features allowing for the measurement of crack lengths between 
intervals of cyclic fatigue or dwell cycles depending on the loading condition of the 
particular test. Cracks were measured using the convention illustrated in Fig 3-4. 
 
Fig. 3-6 – Crack length convention used in the monitoring of crack growth 
The crack shape during the test is assumed to be semi-elliptical as shown in Fig 3-4 
where the parameter “a” is the crack depth while “c” is half of the surface length 
measured from the center of the crack to the tip along the material surface. Unless 
otherwise stated, the lengths presented in this thesis correspond to the variable “2c”. 
Crack measurements were “mode I projected” meaning they were measured with respect 




Fig. 3-7 – Mode I projection of crack length. Measurements were consistently made along the horizontal 
direction which in this context is orthogonal to the loading direction. 
Specimens used in crack observations, known henceforth as small crack specimens, 
were smooth rectangular cross section bars with gauge dimensions 4.2 mm thick and 10 
mm wide shown in Fig. 3-6. In addition, some small crack growth tests were run using 
smaller flat dog-bone specimens with dimensions 1.8 mm thick by 3 mm wide which 
were cut from areas of the forging where the smooth rectangular samples were too large 




Fig. 3-8 – Small crack specimen geometries 
In addition to the small crack specimens, a compact tension (CT) specimen was used 
for “long crack testing” which typically exhibits behavior commensurate with the stable 
crack growth region of Fig. 2-22. The samples follow the geometry shown in Fig. 3-7 
which primarily allows for mode I fracture. Long crack tests typically do not provide 
enough information to adequately describe crack growth behavior in the small crack 
regime. The purpose of long crack testing is to observe crack growth on a scale where 
microstructural influences are negligible. Long crack tests are used as a reference in the 
identification of faster crack propagation rates under dwell loading where microstructural 
features are known to greatly influence crack growth behavior. Only the results from one 
baseline cyclic CT specimen cut from the low-texture region of the forging was used to 
compare with small crack test results to evaluate the dwell response from an LEFM 
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perspective. Testing conditions and associated information about the specimens is 
presented in Table 3-1. 
 
Fig. 3-9 – Schematic of compact tension (CT) specimen geometry 
46 
 




Prior to testing, specimens were electropolished to eliminate any residual surface 
stress conditions or defects. Large scale EBSD mapping was carried out using a FEI XL-
30 SEM at an acceleration voltage and current of 20 kV and 30 nA respectively (EBSD 
was only possible because of the electropolished surface). Using the EBSD data from the 
surface of a high and a low textured specimen, inverse pole figure (IPF) maps, which 
were described in section 2.4, were created and provided in Fig. 3-8. 
 
Fig. 3-10 – IPF maps from low and high textured specimens. MTRs are identified in the figure as clusters of 
similarly oriented grains which are identified by color. 
The inverse pole figure legend in Fig. 3-8 uses the stress axis as reference. The map 
from the high textured specimen identifies several micro-textured regions present in the 
high textured specimen. Those MTRs appear to exhibit a preference to crystallite 
orientations in which the (0001) basal plane is oriented nearly orthogonal to the stress 
axis (shown by regions of the color red in Fig 3-8) meaning a high concentration of hard 
oriented grains are present. On the other hand, the EBSD map of the low texture 
specimen shows a microstructure with a more uniform distribution of crystal orientations 
and an absence of MTRs which is expected to diminish the dwell sensitivities. 
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Further analysis was performed on the high textured specimen mapped in Fig 3-8 
(identified as specimen SH-1). Pilchak et al. showed that IPF maps could be segmented 
to reveal the critical grain orientation distribution (CGOD) of grains which were 
identified based on the orientations of facets observed on the fracture surface of a reduced 
life dwell specimen [10]. The most common orientations reported were those in which 
basal (0001) plane exhibited a declination angle (γ) between 0°-25° (hard crystal 
orientation) to the tensile loading direction. Also reported, were facet orientations with 
declination angles between 40°-50° (soft crystal orientation). The presence of both hard 
and soft orientations suggests a facture mechanism consistent with the stress 
redistribution model detailed previously. It should be noted that because the size of the 
gauge section of sample SH-1 was too large for comprehensive EBSD mapping, only half 
of the sample area could be characterized. Despite this, the IPF maps in Fig. 3-9 still 
proved to be sufficient in identifying MTRs exhibiting grain orientations consistent with 
the aforementioned CGOD segmentation. Those grains were segmented such that only 
hard grains (red) and soft grains (blue) were shown.  
Since EBSD mapping was done prior to testing, 3 FIB notches for specimen SH-1 
were able to be placed in individual MTRs that were thought to promote faster dwell 
crack growth. The other 3 FIB notches in specimen SH-1 were placed in regions with a 
more uniform distribution of orientations which is perceived to arrest dwell crack growth. 
Specimen SH-1 had 6 FIB notches in total.  Because of the size of the sample, the EBSD 
scan was very coarse and therefore characterization of the microstructure in the direct 
vicinity of the cracks post-test completion was needed at a much higher resolution to 
sufficiently characterize the regions in which those cracks were growing. It is hoped that 
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regions in which faster growing cracks are propagating through will exhibit 
microstructural parameters different from the regions surrounding slower growing cracks. 
Those FIB notch locations, shown as short dark lines and the associated micro-textured 
regions in which they were placed are shown on the IPF map from Fig 3-9.  
 
Fig. 3-11– IPF map of sample SH-1. FIB notches are shown as short black lines superimposed onto the map (not 
to scale). Distinct micro-textured regions are shown on the image where FIB notches were placed. The shortest 
distance between FIB notches is shown to be approximately 7mm. 
Due to time and resource constraints specimen SH-1 was the only specimen to 
include the CGOD segmentation prior to FIB notch placements. Therefore, FIB notch 
locations in all other small crack specimens were placed without prior knowledge of the 
surrounding microstructure. While not ideal, random FIB notch locations would, in 
principle, still describe variability in crack growth behavior especially at early stages of 





CHAPTER 4: RESULTS AND DISCUSSION 
4.1 Comprehensive Crack Growth Testing Results 
Following the completion of each crack growth test, crack lengths were measured 
from surface replications at periodic cycle intervals. The results are subsequently 
represented by surface crack length (2c) as a function of cycles (n). In the context of this 
thesis crack propagation behavior, rather than the nucleation process, is of primary 
interest. Therefore, the number of cycles is normalized for all results (both dwell and 
cyclic fatigue) by the initiation cycle (ni) referring to the number of cycles until crack 
nucleation is first observed from surface replications.  
Data presented in Fig. 4-1 shows small crack growth test results under both cyclic and 
dwell loading conditions for three low textured specimens (SL-1, SL-2, and SL-3). 
Results are presented for 21 cracks in total. 12 were under cyclic fatigue while 9 occurred 
at dwell loading conditions. It is worth noting that even though only FIB notch induced 
cracks were anticipated, three other cracks also formed and grew during testing.  Results 
from these naturally initiated cracks are included in Fig. 4-1. All three of the naturally 
initiated cracks grew in specimens under dwell loading conditions and grew considerably 
faster than all other cracks in this dataset. One can infer that the observed natural crack 
nucleation process followed the described mechanisms associated with dwell crack 
nucleation. Considerably shorter lifetimes among the naturally initiated cracks also 
suggest growth within regions favorable for crack propagation. While some expected 
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overlap in data exists, cyclic tests on average grew slower than dwell fatigue cracks. It is 
shown that even for a microstructural condition thought to be dwell resistant (low-texture 
and reduced MTRs) a dwell crack growth debit is still observed in Ti-64 adding support 
to the claim that Ti-64 is sensitive to dwell loading in the small crack growth regime.  
 
 
Fig. 4-1 – Crack growth results for tests under dwell and cyclic loading for the region of low-textured. Naturally 
initiated cracks are also included, all of which were under dwell loading. 
 Fig. 4-2 illustrates the microstructural influences on the dwell crack growth response 
only. This dataset utilizes the results from specimens tested under dwell loading 
conditions only (low textured specimen results were also shown in Fig. 4-1). This 
includes both high and low textured specimens.  For this set of results, a total of 22 
cracks were examined, 13 of which were from the high textured specimens (SH-1, SH-2, 
SH-3) while 9 were from the low-textured specimen SL-1. As shown previously from the 
low textured specimen, only the three naturally occurring cracks exhibited faster crack 
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growth behavior similar to the fast growing cracks (either natural or FIB initiated) 
growing in high textured specimens.  
 
Fig. 4-2 – Crack growth results for dwell tests for both high and low textured regions in the forging. Naturally 
initiated cracks are also included. 
 Results show significant variability among the growth behavior observed in the 
high textured specimens subjected to dwell loading conditions. Variability is expected 
considering, as sample SH1, FIB notch initiation sites were placed in specific areas in the 
specimen where either fast or slow growth rates were anticipated (Fig. 3-9). This is of 
particular interest as it supports the idea that accelerated crack growth is influenced not 
only by the degree of texture or the presence of MTRs, but also by the specific preferred 
orientations those regions exhibit. Further analysis of the microstructure through which a 
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crack is growing was necessary to determine what microstructural parameters drive dwell 
crack growth sensitivity. 
 Crack growth rate results in Figs 4.3-4.7 are plotted in the da/dN – ΔK space on a log 
scale indicating crack propagation rate as a function of stress intensity range. Stress 
intensities were calculated according to the Newman-Raju formulation for rectangular 
specimen geometry which is described in literature [53]. Higher crack growth rates 
(da/dN) at comparable stress intensities (ΔK) would indicate faster crack growth 
behavior. Stress intensity and other crack growth parameters are discussed in Chapter 2.   
Fig. 4-3 compares the cyclic and dwell crack growth rates from cracks observed in 
low textured specimens. The results indicate that although the dwell cracks tend to grow 
more quickly, there is still a significant overlap between growth rates for both cyclic and 
dwell conditions. Interestingly, all cracks that nucleated naturally exhibited faster growth 
rates than all FIB notch initiated cracks. The baseline “long crack” test specimen results 
were also compiled onto Fig. 4-3. This should be used as a reference for ‘predictable’ 





Fig. 4-3 – Crack growth rates in the da/dN – ΔK space for cracks growing in low-textured specimens only 
Despite the overlap between cyclic and dwell data, it appears from Fig 4.3 that the 
dwell cracks, on average, grew faster than those under cyclic conditions. To illustrate 
this, Fig 4-4 represents all of the da/dN – ΔK data shown in Fig. 4-3 as a complete dataset 
rather than for individual cracks. The goal was to condense the data into two separate 
datasets, one for the dwell crack growth results and the other for cyclic crack growth 
results for the low textured microstructure. An exponential fit line was superimposed 
over both of the datasets revealing that, on average, faster growth rate is exhibited under 




Fig. 4-4 – Combined crack growth results segmented by loading type (dwell or cyclic). Superimposed 
exponential fit lines show discrepancy in overall growth rates with respect to loading. 
It appears that a dwell debit exists regardless of degree of texture; it is still thought 
that certain microstructural conditions (such as hard oriented MTRs) can result in an even 
more severe dwell debit. The effect of microstructure on dwell loading is better 
understood in Fig. 4-5. The plot shows crack growth rates in the da/dN – ΔK space for 
dwell tests only for both the high and low textured specimens. Again, there is significant 




Fig. 4-5 – Crack growth rates in the da/dN – ΔK space for dwell cracks only for both high and low 
microstructures 
If however, the naturally initiated cracks are taken out of consideration for this dataset 
(Fig 4-6) then there is a clear separation in crack growth rates for cracks from high 
textured specimens when compared to cracks from low textured specimens at comparable 
stress intensities. Variability seems to be more significant among the high-texture 
microstructure when compared to the low-textured Ti-64 at values of stress intensity less 
than 10 MPa-m
1/2 
where fluctuations in growth rates are greater. At intensities greater 
than 10 MPa-m
1/2 
the crack growth rates begin to converge onto the baseline cyclic long 




Fig. 4-6 – Crack growth rates in the da/dN – ΔK space for dwell cracks only for both high and low 
microstructures excluding naturally initiated cracks 
 
Similar to Fig 4-4, Fig 4-7 represents all da/dN – ΔK as a single dataset for the dwell 
specimens that exhibited either high or low texture. Superimposed exponential fit lines 
indicate faster crack growth on average for the high textured specimens. The trends also 
begin to converge at higher stress intensities, again indicating crack growth variability is 
most severe at small crack lengths. A separation in growth rates here would suggest an 





Fig. 4-7 – Combined crack growth results segmented by microstructure (high or low texture). Superimposed 
exponential fit lines show discrepancy in overall growth rates with respect to microstructure. 
An explanation for variability of small crack growth is that when cracks reach a 
critical size, the cyclic plastic zone ahead of the crack front is large enough overcome the 
resistance from high angle grain boundaries or mixed mode crack path deviations. This 
may not be the exact case for dwell cracks however where the fracture mechanisms are 
much different. Faster crack growth may be a result of early crack growth variations that 
are heavily influenced by local microstructure and micro-textured regions. 
Results to this point have indicated that cracks grow, on average, faster when 
subjected to dwell loading conditions rather than cyclic fatigue in Ti-64. It has been 
shown that dwell cracks grow faster in high textured Ti-64 specimens when compared to 
low textured specimens. With that however, it should be understood that there is still a 
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significant dwell debit among cracks growing in low textured specimens when compared 
to cracks growing in specimens subjected to cyclic fatigue loading with a similar 
microstructure. This suggests there could potentially be other factors besides texture and 
the presence of MTRs that may influence dwell crack growth.  
 
4.2 Other Potential Factors in Dwell Crack Growth Behavior 
Other factors, aside from texture and presence of MTRs that could potentially 
influence dwell crack growth that were investigated in this study were the crack path 
trajectory and crack interactions with microstructural artifacts. Both of which were 
measured on the surface of the sample only.   
Analysis of Crack Path Trajectory and Surface Roughness 
Upon the completion of dwell small crack testing of high textured specimen SH-1. 
SEM micrographs were taken to observe crack trajectories on the sample surface. Here 
we are defining the trajectory as the path along which the cracks grew. It was postulated 
that the cracks exhibiting more tortuous trajectories would exhibit slow crack growth. It 
was reasoned that deviations from pure Mode I fracture (shown in Fig. 4-8a) would cause 
some mixed mode crack growth (Fig 4-8b) where a combination of normal and shear 
stresses are present along the crack tip. As a result, an increase in roughness induced 
crack closure (compared to pure Mode I cracking) and a reduction in strain energy release 




Fig. 4-8 – (a) Mode I fracture showing the planar crack path. No shearing is associated with Mode I fracture 
since the local loading direction is perfectly perpendicular to the crack plane. (b) Mixed mode fracture showing 
out of plane crack path. Shearing is associated with mixed mode fracture as the loading direction as at an angle 
to the crack path plane causing the crack to deform in the direction indicated by the red arrows in (b)  
The two parameters that were used to quantify the crack trajectory are RA and RT. 
Here, RA effectively describes the average deviation from pure Mode I cracking and RT 
measures the maximum “peak to valley” profile of the crack which may be an indication 





Fig. 4-9 – Illustration of roughness parameters used to quantify the crack path deviation from pure Mode I 
fracture. RA is identified as the average distance the crack deviates from pure mode I. RT is the peak-valley term 
that describes the maximum deviations from pure Mode I.  
The first step in quantifying the crack trajectories was to digitize each crack in a 
Cartesian coordinate reference frame. Discrete points along the crack were identified by 
the crack length along the direction orthogonal to the loading axis and crack displacement 





Fig. 4-10 – Digitized crack paths from specimen SH-1. Y-axis represents the loading axis while the dotted line 
represents a pure Mode I crack trajectory 
The results for the roughness parameters for each crack are given in Table 4.1. The 
parameters were calculated over a length of 200 μm for each crack such that the arrested 
cracks can be compared to the faster, and consequently longer, cracks.  
Table 4-1 – Crack trajectory results from specimen SH-1 
Crack 
Identifier 
RA (μm) RT (μm) 
Rapid or arrested 
growth behavior? 
Final Crack Length (μm) 
Crack F1 11.4 61.1 Arrested 259 
Crack F2 8.0 32.4 Arrested 223 
Crack F3 8.0 37.1 Arrested 182 
Crack B1 12.5 23.0 Rapid 1576 
Crack B2 11.2 31.7 Rapid 2200 
Crack B3 6.39 28.3 Rapid 1730 
 
The results suggest little to no correlation between roughness parameters and crack 
growth rates. It may be the case that the interactions resulting from tortuous crack paths 
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such as reduced strain energy release rate and roughness induced crack closure are 
present but appear have negligible effects. 
Microstructural Interactions 
Another potential factor that may influence dwell crack growth is the constituent level 
interactions with the microstructural features such as primary α and secondary α 
(transformed β) grains. The analysis aims to observe the number and type of interfaces 
the crack encounters during growth. It is thought that more interactions with primary α 
grains during crack growth would allow for more frequent transgranular cracking to 
occur. This can be associated with facet formation, common in dwell crack growth, as 
well as fewer high angle grain boundaries which are known to arrest crack advancement 
resulting in slowed crack growth.  
 For this analysis, SEM micrographs of all six cracks from specimen SH-1 were 
captured. A micrograph of one of the cracks “F2” is given in Fig. 4-11. From the image, 
microstructural interactions along the crack were observed and the results are provided in 
Fig. 4-12 which gives frequency of intragranular and transgranular fracture through 




Fig. 4-11- Micrograph of crack “F2” from specimen SH-1. Used in determining constituent level interactions by 
the crack during advancement  
 
Fig. 4-12 - Results showing microstructural interactions of the six cracks from sample SH-1. Cracks in this 
graph are also referenced in table 4.1 indicating crack growth behavior (arrested or rapid) 
Results from Fig. 4-12 show no significant correlation between crack growth 
behavior and the constituent level interactions that were observed. It should be noted that 
this is over the entire length of each crack, meaning if the crack grew to a large length, 
around 1 mm, then the microstructure that it interacts with should reflect the average 
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microstructural properties of the material. Those properties were reported in Chapter 3 as 
having a primary α volume fraction of 46 ± 2%. To better represent this data, plots of the 
interactions as the cracks are advancing are given in Figs. 4-13 and 4-14 and are given 
only for the first 200 μm of crack growth. The plots show the frequency of occurrence of 
primary α grains encountered and frequency of transgranular crack advancement. 
 
Fig- 4-13 – Plot of number of encounters with primary alpha grains vs crack length for all cracks at lengths up 




Fig. 4-14 – Plot of number of transgranular fracture occurrences vs crack length for all cracks at lengths up to 
200 microns. 
Results from Figs. 4-13 and 4-14 confirm the results from Fig. 4-12 which suggested 
that there is little correlation between the primary α grains encountered and local growth 
rates. Because the slower growing cracks (F1, F2, F3) all encountered significant 
numbers of primary α grains and experienced transgranular crack growth, it is reasonable 
to suggest that the facet formation and accelerated dwell crack growth is influenced by 
the preferred orientation of the local MTR in which a crack may have grown.   
4.3 Characterization of Localized Microstructure: Sample SH-1 
Results regarding the analysis of the crack trajectory and microstructural interactions 
showed that these parameters are not significant in regards to dwell crack growth 
behavior. For that reason, the focus is moved towards the texture and specifically the 
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presence of micro-textured regions which are believed to drive small crack variability 
under dwell loading.  
In this section, cracks from specimen SH-1 are further analyzed. Recall, in SH-1 FIB 
notches were placed in specific regions of micro-texture that is believed to exhibit either 
fast or slow crack growth. It is hypothesized that the presence of more hard oriented 
grains would equate to faster crack growth given the dwell fracture mechanisms and 
CGOD segmentation detailed before.  
Crack growth results from specimen SH-1 are presented to identify which cracks 
exhibited faster or slower growth. EBSD characterization in the vicinity around each 
crack was implemented to identify any crystallographic features that are common among 
the faster growing cracks. Results are presented and discussed 
Sample SH-1 Crack Growth Results 
Crack growth rates from sample SH-1 are presented in Fig. 4-15 providing data from 
a total of six FIB notch initiated cracks. Also plotted in the figure is the baseline long 
crack CT test used to compare the faster crack growth behavior of textured Ti-64 under 
dwell conditions to a baseline low textured microstructure, cyclic test (also in Figs. 4-3, 
4-5, and 4-6). It should be noted that crack F3 did not grow to a long enough length to 
yield enough crack growth data to obtain reliable stress intensity calculations.  The results 
indicate that there is a significant debit between all dwell cracks and the cyclic long crack 
growth rates especially at a low stress intensity. Propagation rates at low stress intensities 
are similar among all dwell cracks until stress intensity reaches approximately 7 MPa-
m
1/2
 where there is a clear separation in growth rates between the fast and slow growing 
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cracks. At high stress intensities of around 11 MPa-m
1/2
, the cracks begin to converge to 
the growth rate set by the baseline CT specimen suggesting behavior similar to cyclic 
fatigue at larger crack lengths. 
 
Fig. 4-15 – Plot showing crack growth behavior among those growing in specimen SH-1. Cracks were placed in 
regions that would either exhibit faster or arrested crack growth behavior. 
The C and m parameters describing Paris’ law are reported for each crack in 
specimen SH1. The coefficients are given in Table 4-2 and the corresponding plot in the 
da/dN – ΔK space is given in Fig. 4-16 which also shows the long crack CT test for 
comparison. Results again show an immediate acceleration in crack growth rates for the 
comparable stress intensities just after crack propagation began. Table 4-2 also identifies 




Fig. 4-16 – Power law fit plot for cracks in sample SH1 over the entire range of ΔK for each crack 






 or Arrested  
Crack? 
B3 4.76-10 2.13 Fast 
B2 7.92E-10 1.91 Fast 
B1 7.97E-10 1.88 Fast 
F2 9.81E-09 0.16 Arrested 
F1 5.23E-09 0.57 Arrested 
F3 N/A N/A Arrested 
Characterization of Localized Microstructure  
Large scale EBSD was taken along the surface of the gauge section of specimen SH-1 
prior to testing. IPF mapping revealed regions of micro-texture that were shown to have 
preferred orientations with the c-axis oriented within 25° degrees from the stress axis. 
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However, the EBSD data was too coarse to directly characterize the crystallite 
orientations in the immediate vicinity of the crack. Following the failure of specimen SH-
1, EBSD was used again to analyze the microstructure around each FIB initiated crack at 
a higher resolution (step size of 0.25μm) in an effort to characterize the individual regions 
of micro-texture the cracks were growing in. The area around each crack was restricted to 
about 3 average grain sizes above and below the crack trajectory (~60 microns total). Fig. 
4-17 gives the inverse pole figure (IPF) maps from the EBSD results for all faster 
growing cracks. All three of the fast growing cracks propagated to a substantial crack 
length of 2c greater than 1.5 mm. 
 
Fig. 4-17 – IPF map of area around each fast growing crack from sample SH1. Note that crack B3 is attributed 
to specimen failure and therefore the IPF maps are composite of the two fracture surfaces created by crack B3. 
Scratches along the sample surface around cracks in Fig. 4-17 and Fig. 4-18 were 
caused by polishing imperfections or acetate replication. Fig. 4-18 provides IPF mapped 
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images from the EBSD scans for all slower growing cracks. All three cracks in these 
regions grew to final lengths of 2c less than 250 μm. 
 
Fig. 4-18 – IPF mapping around the arrested cracks from sample SH-1 
Because EBSD can only obtain crystal orientations on the sample surface, an 
important assumption must be made; namely that the micro-texture present on the surface 
of the sample is representative of the subsurface micro-texture in the vicinity of the crack. 
This is reasonable given the size of micro-textured regions observed in nominal sections 
of material.  
4.4  Texture Analysis 
Once EBSD data was obtained over the vicinity of each FIB initiated crack from 
specimen SH-1, several methods were used to graphically depict and quantify the texture 
surrounding each crack. The goal is to provide a way to directly compare properties of 
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texture and micro-textured regions with the crack propagation response of Ti-64 under 
dwell fatigue conditions. 
Pole Figures 
Pole figures representing the EBSD data from specimen SH-1 was plotted using the 
software TSL OIM analysis, version 7 release year 2015. The purpose of these pole 
figure representations is to characterize the preferred orientation of the MTRs around 
each crack. Of particular interest is an MTR’s preference for hard oriented grains which 
has been shown to drive fast dwell crack behavior in near-α alloys. The diagram in Fig. 
4-19 illustrates how hard orientations are represented on a [0001] stereographic 
projection for the loading direction consistent with all pole figure representations 
henceforth. 
 
Fig. 4-19 – Schematic showing the areas where hard orientations are represented on a pole figure 
Pole figure results for faster growing cracks are given in Fig. 4-20. Those pole figures 
show high density regions near the horizontal poles indicating a preference for hard 
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oriented grains around the faster growing cracks which is not quite the case for pole 
figures corresponding to the arrested cracks presented in Fig. 4-21. Again, data was 
obtained only on the surface of the sample assuming that micro-textured regions on the 
surface are also exhibited in the volume of the sample through which a crack could 
potentially propagate. If this were the case, which it is believed to be, a noticeably higher 
density of planar facets would be present on the fracture surface after specimen failure. 
 
Fig. 4-20 – Pole figures from EBSD data obtained from areas surrounding faster growing cracks B3, B2, and B1 
in specimen SH-1 
 
Fig. 4-21 – Pole figures from EBSD data obtained from areas surrounding arrested cracks F3, F2, and F1 in 
specimen SH-1 
By admission, there is the potential for statistical bias from the above pole figures. 
Consider, the longest growing cracks interacted with significantly more material than the 
arrested cracks did. This means that the EBSD data from the fast growing cracks sampled 
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significantly more crystal orientations than for the arrested cracks.  Since all of the 
arrested cracks grew to ~200 microns, EBSD data for all cracks was restricted to a crack 
length of only 200 microns (100 microns in both directions away from the FIB notch at 
the center) to compare all cracks irrespective of their final lengths. With that said, a large 
crack interacting with a hard oriented MTR may still experience localized crack 
acceleration and therefore those results will be still be reported. Stated previously, the 
variability in small crack growth rates is what is believed to contribute to the “dwell 
debit”. Those pole figures are given in Fig. 4-22 
 
Fig. 4-22 – Pole figures for (a) faster growing cracks B3, B2, B1 and (b) arrested cracks F3, F2, F1 in specimen 
SH-1. Area over which EBSD was obtained is restricted here to a crack length of 200 microns. The area above 
and below the crack remains 3 average grain sizes or 60 microns in total. 
At the 200 micron scale, pole figures from the faster growing cracks again show areas 
of high intensity along the poles consistent with hard orientations as shown previously in 
Fig. 4-19. However, it can also be argued that similar distributions of orientations are 
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present for all cracks at this scale fast or arrested. Quantified data is necessary to make 
definitive observations regarding the preferred orientations of micro-textured regions 
around each crack and corresponding effect on the dwell crack growth behavior in Ti-64.  
Segmentation of Peaks in Pole Figure Intensity 
In the microstructure surrounding the cracks, the dominant crystal orientations are 
ones that should correspond to the maximum peaks in pole figure intensity. To 
distinguish those maxima the highest seven peaks from the pole figure data were 
segmented. For the purposes of this study, the crystal orientations were reduced down to 
the angle between the HCP unit cell c-axis and the loading direction, or declination angle 
(γ) making it easier to identify hard and soft orientations. Consider now the unit sphere 
for stereographic projections which was detailed in Chapter 2. The texture file containing 
pole figure data is configured such that crystal orientations are categorized by polar and 
azimuthal angles identifying a point on that unit sphere, each point having corresponding 
pole figure intensity. A script was written using MATLAB to read the texture file and 
convert the two angles to cartesian coordinates describing a vector of unit length. Taking 
the dot product between the vector and the loading direction would then yield the 
declination angle (Fig. 4-23). Peaks in intensity for each crack on sample SH-1 are 
identified on the pole figures in Figs. 4-24 – 4-29 and corresponding data is given in 
Tables 4-3 – 4-8. Results are given for EBSD over the entire crack length as well as for 




Fig. 4-23 – Steps in decomposition of orientation data to declination angle 
 
Fig. 4-24 – Peak intensities noted on pole figure from crack B1. (a) Constrained to crack length of 200 microns. 
(b) Full crack length 
Table 4-3 – Tope seven peaks and the corresponding pole figure intensity and declination angle (Crack B1) 
Peak 200 micron  
Declination (γ)  
Full Crack  
Declination (γ) 
1 14.1 85.0 
2 60.0 11.2 
3 11.2 66.1 
4 62.9 10.0 
5 10.0 54.6 
6 64.3 54.6 




Fig. 4-25 – Peak intensities noted on pole figure from crack B2. (a) Constrained to crack length of 200 microns. 
(b) Full crack length 
Table 4-4 – Top seven peaks and the corresponding pole figure intensity and declination angle (Crack B2) 
Peak 200 Micron  
Declination (γ) 
Full Crack  
Declination (γ) 
1 17.9 11.2 
2 15.0 10.0 
3 65.1 85.0 
4 11.2 85.0 
5 78.5 60.5 
6 10.0 62.0 




Fig. 4-26 – Peak intensities noted on pole figure from crack B3. (a) Constrained to crack length of 200 microns. 
(b) Full crack length 
Table 4-5 – Top seven peaks and the corresponding pole figure intensity and declination angle (Crack B3) 
Peak 200 Micron 
Declination (γ) 
Full Crack  
Declination (γ) 
1 20.6 15.8 
2 56.4 37.7 
3 58.7 10.0 
4 60.2 62.0 
5 10.0 60.2 
6 38.3 15.0 




Fig. 4-27 – Peak intensities noted on pole figure from crack F1. (a) Constrained to crack length of 200 microns. 
(b) Full crack length 
Table 4-6 – Top seven peaks and the corresponding pole figure intensity and declination angle (Crack F1) 
 
Peak 200 Micron 
Declination (γ) 
Full Crack  
Declination (γ) 
1 31.5 31.5 
2 69.3 63.0 
3 37.7 72.8 
4 56.4 56.4 
5 63.0 69.3 
6 15.8 15.8 




Fig. 4-28 – Peak intensities noted on pole figure from crack F2. (a) Constrained to crack length of 200 microns. 
(b) Full crack length 
Table 4-7 – Top seven peaks and the corresponding pole figure intensity and declination angle (Crack F2) 
Peak 200 Micron 
 Declination (γ) 
Full Crack 
 Declination (γ) 
1 65.6 62.9 
2 31.6 31.6 
3 26.8 26.8 
4 36.2 31.6 
5 31.6 40.3 
6 65.1 65.1 




Fig. 4-29 – Peak intensities noted on pole figure from crack F3. (a) Constrained to crack length of 200 microns. 
(b) Full crack length 
 Table 4-8 – Top seven peaks and the corresponding pole figure intensity and declination angle (Crack F3) 
Peak 200 Micron 
Declination (γ) 
Full Crack  
Declination (γ) 
1 66.1 68.4 
2 85.0 85.0 
3 85.0 85.0 
4 28.0 85.0 
5 63.1 28.0 
6 15.8 77.1 
7 90.0 15.8 
 
Table 4-9 consolidates the most dominant peak for each crack for each scan size. 
Results indicate that the fastest growing cracks B1, B2, and B3 all had dominant peaks of 
intensities corresponding to a declination angle of less than 25°. Conversely, the arrested 
cracks F1, F2, and F3 all had dominant peaks of intensities corresponding to declination 
angles of 31.5°, 65.6°, and 66.1° respectively suggesting that crack growth rate, for dwell 
loading, are considerably faster when there is a higher density of hard orientated grains 
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presumably due to the resulting planar and faceted crack growth mechanisms. Faster 
growing cracks also exhibited more additional peaks in intensity with declination angles 
less than 25°.  
Table 4-9 – Declination angles corresponding to the highest pole figure intensity for cracks in specimen SH-1 
Crack ID Declination Angle (200 Micron) Declination Angle (Full Length) 
B1 14.1 85.0 
B2 17.9 11.2 
B3 20.6 15.8 
F1 31.5 31.5 
F2 65.6 62.9 
F3 66.1 68.4 
 
Distribution of Orientations 
The distribution of grain orientations with respect to the declination angle can be 
represented as a histogram in which orientations are “binned” by degree from 0˚ (c-axis 
parallel to loading direction) to 90˚ (c-axis orthogonal to loading direction) with a bin 
size of 1 degree. Intensity peaks are not desired here; rather this is a graphical 
representation of the entire distribution of orientations with respect to the angle between 
the c-axis and loading direction. It is anticipated that for faster cracks in specimen SH-1 
(cracks B1, B2, and B3) the distribution will peak at lower declination angles meaning a 
higher number of hard oriented grains. The opposite is expected for the slower growing 
cracks in specimen SH-1 (cracks F1, F2, and F3). Results are given in Figs. 4-30 – 4-35. 
The orientation frequency or sum of orientations is normalized between 0-1 where 1 
represents the highest sum of orientations with respect to each crack. This is done for 




Fig. 4-30 – Plot of orientation frequency as a function of declination angle for the fast growing crack “B1” in 
specimen SH-1. Orientation sum along y axis is normalized between 0 and 1 in which 0 is the minimum number 
of orientations and 1 is the maximum number of orientations. Dataset was taken over area when crack length is 
200 micrometers. 
 
Fig. 4-31 - Plot of orientation frequency as a function of declination angle for the fast growing crack “B2” in 
specimen SH-1. Orientation sum along y axis is normalized between 0 and 1 in which 0 is the minimum number 
of orientations and 1 is the maximum number of orientations. Dataset was taken over area when crack length is 
200 micrometers. 

































Crack "B1" (Fast Growing)





































Fig. 4-32 - Plot of orientation frequency as a function of declination angle for the fast growing crack “B3” in 
specimen SH-1. Orientation sum along y axis is normalized between 0 and 1 in which 0 is the minimum number 
of orientations and 1 is the maximum number of orientations. Dataset was taken over area when crack length is 
200 micrometers. 
 
Fig. 4-33 - Plot of orientation frequency as a function of declination angle for the slow growing crack “F1” in 
specimen SH-1. Orientation sum along y axis is normalized between 0 and 1 in which 0 is the minimum number 
of orientations and 1 is the maximum number of orientations. Dataset was taken over area when crack length is 
200 micrometers. 

































Crack "B1" (Fast Growing)





































Fig. 4-34 – Plot of orientation frequency as a function of declination angle for the slow growing crack “F2” in 
specimen SH-1. Orientation sum along y axis is normalized between 0 and 1 in which 0 is the minimum number 




Fig. 4-35 – Plot of orientation frequency as a function of declination angle for the slow growing crack “F3” in 
specimen SH-1. Orientation sum along y axis is normalized between 0 and 1 in which 0 is the minimum number 
of orientations and 1 is the maximum number of orientations. Dataset was taken over area when crack length is 
200 micrometers. 
 
Reported here are the results for only the first 200 μm into crack growth such that 
datasets for faster and slower growing cracks can be compared. For cracks B1 and B2 

































Crack "F2" (Slow Growing)

































Crack "F3" (Slow Growing)
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there are clear peaks in the distributions between 10 and 25 degrees when compared to 
the slower growing cracks. However there are some conflicting results when the plots for 
cracks “B3” and “F1” are analyzed since “B3” appears to have very few hard 
orientations. In contrast, “F1” has a significant number of hard orientations and exhibits a 
more uniform distribution yet was arrested as shown in Fig. 4-18d. For crack “B3”, if the 
EBSD over the entire crack length is used, there is a peak in the distribution over the 
range between 0-25° (Fig 4-36) although the distribution also appears to be somewhat 
uniform. 
 
Fig. 4-36 –Plot of orientation frequency as a function of declination angle for the fast growing crack “B3” in 
specimen SH-1. Orientation sum along y axis is normalized between 0 and 1 in which 0 is the minimum number 
of orientations and 1 is the maximum number of orientations. Dataset was taken over the total crack length 
 
It should be noted that in this analysis, the orientations were decomposed from three 
dimensional space to a two dimensional reference frame (declination angle). This 
decomposition will result in a higher propensity for orientations away from the loading 
direction. The EBSD dataset uses Euler angles to identify an orientation in three 
dimensional space. Euler angles are explained using typical x-y-z Cartesian coordinate 

































Crack "B3" (Fast, Full  Dataset)
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system as depicted in Fig. 4-37. The first Euler angle (Φ) represents a rotation between 0-
360º about the z-axis. The second Euler angle (Θ) represents a rotation about the new x-
axis between 0-180º (because of symmetry) and the final Euler angle (Ψ) is another 
rotation, this time about the new z-axis direction as defined by Φ and Θ [54].  
 
Fig. 4-37 - Euler angle reference 
When these are decomposed into a two dimensional reference frame by declination 
angle, there will naturally be more grains oriented more towards a direction perpendicular 
to the loading axis. This occurs because there will always be more distinct orientations 
away from the loading axis while there is only one orientation that is perfectly parallel. 
This is exemplified in Fig. 4-38 which shows a unit hemisphere similar to the one used in 
the stereographic projection detailed in Chapter 2. The areas that represent different 
ranges of declination angles are not going to be the same. In the figure, the blue area 
represents all orientations between 0-20º from the loading direction while the red area 
represents all orientations between 70-90º from the stress axis. The blue area on the 
hemisphere clearly has much less area than the red shaded area which is reflected in the 




Fig. 4-38 - Unit hemisphere showing area representing declination angles between 70-90º (red) and 0-20º (blue). 
The stress axis in this example is the green line intersecting the hemisphere at its peak. 
 
Fig. 4-39 – Stereographic projection of areas highlighted on hemisphere in Fig. 3.38 
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An equal area projection scheme was used in an attempt to describe any particular 
MTR. The equal area projection that was used is the modified Lambert projection which 
is described in detail by Rosca [55]. In summary, a grid is projected onto a unit sphere 
that is used to identify the orientations in three dimensional space, similar to the 
stereographic projections discussed previously. The spherical grid is made up of uniform 
areas that will be used to “bin” grain orientations from an EBSD dataset in three 
dimensional space. Once the orientations have been appropriately binned into the equal 
area parts, the bins are then separated by declination angle. In this projection, there will 
be multiple bins for each declination angle where more bins are needed for 90 degrees 
bins while fewer bins are needed as the declination angle decreases (Table 4-10) for the 
same reasoning illustrated in Figs. 4-38 – 4-39. Complete derivation of the equal area 
projection analysis can be found in appendix A. 
Table 4-10 – Number of bins per declination angle for the modified Lambert equal area projection. 


















Results given in Figs. 4-40 – 4-45 are given for crack lengths up to 200 microns. The 
data represents the average number of orientations per bin, per declination angle. This 
means that if there are 112 bins at 90 degrees (as in table 4-10) then the total number of 
90 degree bins are divided by 112 to determine the average number of grain orientations 
per bin. It is expected that if there is a significantly higher number of hard orientations, 
then that will be reflected in the number of average orientations per bin.  
 
 
Fig. 4-40 – Sum of orientations per declination angle per bin as determined by modified equal area Lambert 
projection. Fast crack B1 (200 Micron) 





































Fig. 4-41 - Sum of orientations per declination angle per bin as determined by modified equal area Lambert 
projection. Fast crack B2 (200 Micron) 
 
 
Fig. 4-42 – Sum of orientations per declination angle per bin as determined by modified equal area Lambert 
projection. Fast crack B3 (200 Micron) 

































Equal Area Segmentation for Crack B2 (Fast)






































Fig. 4-43 - Sum of orientations per declination angle per bin as determined by modified equal area Lambert 
projection. Slow Crack F1 (200 Micron) 
 
Fig. 4-44 – Sum of orientations per declination angle per bin as determined by modified equal area Lambert 
projection. Slow Crack F2 (200 Micron) 

































Equal Area Segmentation Crack F1 (Slow)





































Fig. 4-45 – Sum of orientations per declination angle per bin as determined by modified equal area Lambert 
projection. Slow Crack F3 (200 Micron)  
For fast growing cracks B1 and B2 there are intense peaks for orientations per bin for 
declination angles less than 25 degrees which is not the case for the slower growing 
cracks F1, F2, and F3. All slow growing cracks exhibited a more uniform distribution 
meaning there are no intense peaks in the distributions. Crack B3 however also exhibits 
the same MTR characteristics as the slower growing cracks. By taking in the dataset over 
the entire length of each crack (Figs. 4-46 – 4-51) it is obvious that outside of a crack 
length of 200 μm there is a significant number of hard grain orientations of a declination 
angle less than 25º for crack B3. Results are also reported for all other cracks.  






































Fig. 4-46 – Sum of orientations per declination angle per bin as determined by modified equal area Lambert 
projection. Plot gives the rapidly growing crack B1 over the entire crack length 
 
Fig. 4-47 – Sum of orientations per declination angle per bin as determined by modified equal area Lambert 




Fig. 4-48 – Sum of orientations per declination angle per bin as determined by modified equal area Lambert 
projection. Plot gives the rapidly growing crack B3 over the entire crack length 
 
Fig. 4-49 – Sum of orientations per declination angle per bin as determined by modified equal area Lambert 




Fig. 4-50 – Sum of orientations per declination angle per bin as determined by modified equal area Lambert 
projection. Plot gives the arrested crack F2 over the entire crack length 
 
Fig. 4-51 – Sum of orientations per declination angle per bin as determined by modified equal area Lambert 
projection. Plot gives the arrested crack F3 over the entire crack length 
 Here, it can be concluded that for faster growing cracks in specimen SH-1, the results 
indicate that a higher number of hard oriented grains in the crack vicinity is favorable for 
crack propagation under dwell fatigue conditions. It does appear that crack F1 interacted 
with a significant number of hard orientations as shown in Fig 4-49. The 200 micron 
dataset however shows that the orientation distribution early in the lifetime of crack F1 
was less favorably oriented which potentially led to the crack arresting. 
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4.5 Fractographic Analysis 
Evidence of micro-textured regions on the surface extending into the volume of the 
sample would be indicated by the presence of facets on the fracture surfaces which is 
common among near-α and α/β titanium alloys subjected to dwell loading. Analysis of 
the fracture surfaces following the failure of several specimens in this program are 
represented in the micrographs shown in Figs. 4-51 – 4-59. The first micrograph is of 
specimen SH-1 which contained the cracks that were notched in locations of known 
MTRs. The crack that led to failure, while being a faster crack, was not directly 
responsible for fracture. Rather a secondary naturally initiated crack also contributed to 
fracture. Images of the fracture surface of crack B3 in specimen SH-1 revealed a small 




Fig. 4-52 – Micrograph of fracture surface of specimen SH-1 exhibiting semi-elliptical fracture geometry 
The low magnification micrograph of specimen SH-1 in Fig. 4-52 shows the semi-
elliptical geometry of the fracture surface. Higher magnified images in Figs. 4-53 and 4-
54 depict clear regions of faceted growth. Those regions of facets are outlined on the 
images. This would support the assumed presence of hard orientations in the volume of 








Fig. 4-54 – Magnified image sample SH1 crack B3 at the initiation site. Facets are clearly exhibited here and the 
FIB notch is shown at the bottom center of the sample. 
Specimen SH-2 is of similar geometry and identical dwell loading conditions. This 
was a high textured specimen similar to SH-1. Six total cracks were also FIB initiated but 
locations were chosen without prior knowledge of the underlying microstructure. 
Micrographs for sample SH-2 (Fig 4-55) showed a significant faceting region similar to 
that found in SH-1 which would again suggest crack growth within a micro-textured 




Fig. 4-55 – Micrograph of fracture surface of sample SH-2 which was subjected to the same dwell testing 
conditions as sample SH-1 
The final micrographs are of specimen SH-3. This was also a high textured specimen 
but the sample geometry was that of the flat dog-bone specimen detailed in Chapter 3. 
The images show a corner crack growing through a large faceted region. Although the 
sample was FIB notched, the crack leading to failure was naturally initiated. Based on the 
evidence along the fracture surface, it can be assumed that the crack initiated and grew 
into a MTR that was favorable for dwell crack growth (more hard orientations) which 
may also be indicated by the extremely high facet area. This sample is of particular 
102 
 
interest as there is a clear transition from faceted crack growth to striated crack growth 
usually associated with normal cyclic fatigue. Here it is presumed that crack growth 
outside of the faceted region is the same as it would be under cyclic fatigue conditions. 
This supports the claim that faster crack growth under dwell fatigue is only over the 
regions of facets around initiation sites indicating a hard oriented MTR. Fig. 4-56 shows 
the fracture surface, subsequent images are presented to highlight the transition from 
faceted to striated growth. 
 
Fig. 4-56 – Fracture surface from specimen SH-3 showing a clear region of faceted crack growth in the lower left 
corner of the specimen. 
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 Fig. 4-57 highlights the regions of striated and faceted dominated growth as well 
as the transition region. The region of transition is further shown in Figs. 4-58 and 4-59 
where particular striation markings are present near areas of clear faceted growth. 
Analysis of the crystal orientation across the facet region is needed to prove the presence 
of hard grain orientations and whether or not it was responsible for faster crack growth 
across the faceted region.  
 





Fig. 4-58 – High magnification image of the transition from facet to striation growth in specimen SH-3. Facets 
are more common at the bottom of the image while clear striations are present at the top. Fig. 4.59 shows the 




Fig. 4-59 – Striations and facets from sample SH3 in the transition region showing evidence of both striation and 
facet crack growth mechanisms. 
4.6 Serial Sectioning and Crystallographic Analysis of Sample SH-3 
Since it has been shown by Pilchak et al. [10] that facets on the fracture surface of a 
reduced life dwell specimen are typically oriented within 25º of the stress axis it is 
reasonable to assume that hard oriented MTRs detected on the surface of the sample can 
be indicative of the microstructure into the depth of the material as well.  
To verify the underlying microstructure, work was done to serial section into the 
fracture surface of specimen SH-3 where a very high concentration of facets were 
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observed from the micrograph in Fig 4-56. The goal was to obtain a flat, polished surface 
for EBSD characterization of the fracture surface of specimen SH-3 in an effort to 
determine the underlying grain orientations that the crack directly interacted with during 
the dwell small crack test.  
The first step was to set the small scale dog-bone specimen SH-3 into a conductive 
polymer mount that would allow for automated polishing. Once complete, a computed 
tomography (CT) scan was obtained of the entire mount such that the specimen’s location 
and orientation inside the mount could be visualized (Fig. 4-60).  
 
Fig. 4-60 – CT scan of specimen SH-3 inside polymer mount prior to serial sectioning. 
The fracture surface was approximately 3.4 - 4.0 mm from the top of the mount. Once 
that was known, serial sectioning of the specimen by an automated multi-modal serial 
sectioning system enabled the precise removal of material up to the fracture surface of the 
sample.  To ensure that the automated sectioning stopped at exactly the fracture surface, 
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it was slowed down considerably once approximately 3.2 mm of the mount was sectioned 
through. From there, frequent optical checks in between stages of polishing were used to 
confirm the fracture surface had been reached. Once the fracture surface was polished 
down to a flat plane, EBSD characterization was used to show the orientation of the 
grains which were interacted with during small crack propagation. Fig. 4-61 gives the 
image of the polished fracture surface of specimen SH-3. 
 
Fig. 4-61 - Polished fracture surface from specimen SH-3. The initiation site is identified 
Fig 4-62 shows the inverse pole figure map of the fracture surface. In the image, a 
clear region of preferred orientation is visible near the crack nucleation region. The IPF 




Fig 4-62 – Inverse pole figure map showing grain orientations of fracture surface from sample SH-3 
By using the same critical grain orientation distribution (CGOD) as before, grains can 
be identified by their direction by color. The map legend shows that red indicates an 
orientation less than 25º, blue indicates an orientation between 40º and 50º, finally green 




Fig. 4-63 - Image showing hard grains (Red) and soft grains (Blue, Green) corresponding to the map legend to 
the left of the image. 
The results of the serial sectioning shows a high concentration of hard grains near the 
initiation site suggesting that the crack nucleated and grew in a micro-textured region 
favorable for crack growth where it is believed that the crack grew in accordance with 
accepted dwell crack growth mechanisms. Fig 4-64 shows the pole figures that were 
obtained around the facet dominated region only and over the entire polished surface to 
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compare the difference in orientation distribution. The pole figures show that if the 
orientation distribution is observed only over the facet dominated region,  there is a 
higher concentration of grains whose [0001] basal planes are aligned nearly 
perpendicular to the loading direction (which in this case is normal to the plane) than 
over the entire polished surface (which includes the fracture surface). 
 
Fig. 4-64 – Pole figures representing the orientation distribution of the [0001] basal plane of grains over (a) only 
the fracture surface and (b) over the entire polished surface. The loading direction is normal to the plane. 
 Because the fracture surface shows significant faceted crack growth along with well-
defined striations indicative of cyclic crack growth, it is reasonable to suspect that the 
crack initiated and grew to the edges of the micro-textured region. Once the crack grew 
outside of the MTR and the concentration of hard grains diminished, the crack 
propagated via striated growth as shown in the fractographic analysis. These results 
represent evidence supporting the claim that dwell sensitivity and subsequent fast crack 





CHAPTER 5: SUMMARY AND CONCLUSIONS 
This thesis aimed to elucidate the role of texture, and specifically micro-textured 
regions on the small crack growth behavior of Ti-6Al-4V subjected to dwell fatigue 
conditions. Smooth rectangular, micro-scale dog-bone, and compact tension specimens 
were machined from a lot of material with exhibiting high texture as well as a lot of Ti-64 
exhibiting low texture. It was shown that the presence of micro-textured regions were 
more common among the highly textured specimens when compared to the low textured 
specimens.  
Cracks were largely initiated using a focused ion beam (FIB) to micro-mill notches 
into the surface of each sample. For specimen SH-1, large scale electron backscattered 
diffraction was implemented over the surface of the gage section to identify individual 
micro-textured regions. FIB notches were subsequently placed in MTRs that were 
believed to be either favorable or unfavorable for dwell crack growth. All dwell tests 
were subjected to a max stress of 780 MPa with a 2 min dwell period and a load ratio of 
0.05.The following conclusions can be drawn from the small crack growth tests under 
both dwell and cyclic fatigue conditions.  
 On average dwell cracks grow faster in highly textured specimens when compared to 
dwell cracks growing in low textured specimens. 
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 All dwell cracks, independent of degree of texture, on average grew faster than cracks 
growing under cyclic fatigue.   
 Naturally initiated cracks, especially from low textured specimens, tended to grow 
much faster than FIB notch initiated cracks in the same specimens.  
 Once cracks grew to a large enough size such that stress intensity was approximately 
11 MPa-m
1/2
, they tended to grow commensurate with the stable crack growth regime 
described by the model proposed by Paris. This occurred for all dwell and cyclic tests 
for low and high textured specimens 
Upon the completion of the small crack growth tests, the specimens were analyzed 
using several different characterization techniques. The first was to observe the cracks 
trajectory and determine if a tortuous crack path may contribute to the propagation 
behavior of dwell cracks. The microstructural features in which cracks interacted with 
was also documented in an effort to determine how different grains (primary α or 
secondary α) and fracture types (transgranular or intragranular) can affect the dwell crack 
growth behavior as well. The following conclusions can be reasoned following this 
analysis.  
 The cracks tortuosity, which can influence the strain energy release rate and 
roughness induced crack closure, were shown to negligibly affect dwell crack growth 
behavior. 
 Microstructural interactions such as grain and fracture type had little to no influence 
on dwell crack growth. 
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Since the crack trajectory and microstructural interactions showed little to no 
influence on dwell crack growth, texture and the presence of micro-textured regions were 
observed and correlated to dwell crack propagation behavior. Based on previous work, it 
was believed that cracks in micro-textured regions will propagate faster when there is a 
higher propensity for hard oriented grains (less than 25º from the loading direction). 
EBSD was implemented in the surface areas surrounding dwell cracks in sample SH-1 
which were known to be growing in micro-textured regions. Based on those EBSD and 
crack growth results, the following conclusions were made. 
 The preferred orientations specifically exhibited by micro-textured regions were 
observed to influence dwell crack growth greatly. Fast cracks growing in specimen 
SH-1 were described by pole figures in which the highest peak intensities for crystal 
orientation occurred for orientations less than 25º from the loading direction. This 
was not the case for the slower growing cracks in specimen SH-1 which were 
observed to grow in micro-textured regions that do not have a preference for hard 
oriented grains. 
 Modified Lambert equal area projection was used to normalize the distribution of 
orientations around each crack from specimen SH-1. The results verified the previous 
results showing a propensity for hard orientations in the vicinity of faster growing 
cracks. 
 Scanning electron microscope (SEM) micrographs showed the presence of faceted 
crack growth on the fracture surface of dwell small crack specimens (SH-1, SH-2, 
and SH-3). Faceted crack growth is a known mechanism for dwell crack propagation 
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and typically the result of the cracks propagation through regions of hard oriented 
grains. 
Specimen SH-3 showed a high concentration of faceted crack growth features along 
the fracture surface from SEM micrographs. The fracture surface of specimen SH-3 was 
serial sectioned using an automated multi-modal serial sectioning system. The fracture 
surface was polished and EBSD was implemented to characterize the underlying grain 
structure that the dwell crack directly interacted with. The fracture surface was of a 
naturally initiated crack and the following conclusions can be made. 
 A micro-textured region with a preference for hard oriented grains was observed 
on the fracture surface, further validating the results obtained in this work. 
  While the micro-textured region is limited to only around the initiation site, it is 
reasonable to suspect that fast faceted growth occurred shortly after nucleation.  
Once outside of the micro-textured region, the crack grew similarly to a crack under 





APPENDIX A: EQUAL AREA PROJECTION ANALYSIS 
The equal area projection analysis requires electron backscatter diffraction (EBSD) 
orientation mapping. For this characterization technique, an electron beam scans an area 
of a sample surface in a prescribed fashion obtaining crystal orientation data at each point 
with a given spacing resolution. The final dataset should consist of Euler angles (Φ, Θ, 
Ψ) that represent the orientation of the [0001] direction of the HCP crystal. Once 
obtained, Lambert’s modified equal area projection on a unit sphere is used to group 
similar crystal orientations. The analysis was performed in the following steps: 
1. Convert each crystal orientation from Euler angles to a vector of unit length that can 
be described in an x-y-z Cartesian coordinate space. Points corresponding to the head 
of the vector which describe the crystal orientation can then be projected onto a unit 
sphere, referred to henceforth as the crystal orientation sphere (COS). The conversion 
uses the following relationships: 
𝑋 = sin(Φ) sin (Θ)  (A1) 
𝑌 = −cos(Φ) sin (Θ)  (A2) 
𝑍 = cos(Θ)   (A3) 








Fig. A-1 – X-Y-Z Cartesian coordinate system in which crystal orientations will be described in  
2. Take now a sphere and a cube of the same surface area, both of which are centered 
about the origin (0, 0). If the radius of the sphere is r, then the edge length of the cube 
must be  𝑟√2𝜋 . One of the cube surfaces should be partitioned into equal areas as in 
Fig. A-2 which will be used to project onto the unit sphere.  
 
Fig. A-2 – Equal area partitioning of a cubic surface to be projected onto that unit sphere 
3. Once a grid with equal spacing in both directions has been applied to a square surface 
with edge length 𝑟√2𝜋, it can be projected onto the northern and southern 
hemispheres of the sphere separately. In this case, it is a unit sphere therefore r =1. In 
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this analysis only the northern hemisphere was used but it should be noted that they 
are both symmetrically identical. For computational purposes, ‘Nodes’ were projected 
onto the sphere to represent equal areas. Nodes will correspond to the points of 
intersection of the square partitions done in the previous step. The location of those 
intersection points can be denoted by the distances along the squares edge lines (a, b). 
Again, x-y-z Cartesian coordinate system was used to describe a vector (x,y,z) that is 
associated with each projected node on the unit sphere which will be referred to as the 
equal area sphere (Fig A-3). Vector components are determined using equations A5 
and A6 which can be found in literature [55].  
 
Fig. A-3 – Partitioning of cubic surface to project onto equal area sphere 





















− 𝑟)  (A5) 





















− 𝑟)  (A6) 
4. Now that a sphere has been partitioned using nodes to represent an equal area, the 
crystal orientations on the COS need to be converted to the northern hemisphere only 
which can be done because of symmetry. The orientations are then ‘assigned’ to the 
nearest corresponding node of the equal area sphere. The nodes are decomposed into 
declination angle and are now associated with a number of crystal orientations. The 
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declination angle with the highest number of nodes is 90 degrees. As the declination 
angle decreases so does the number of corresponding nodes.  
5. All of the crystal orientations associated with a certain declination angle as described 
by its corresponding node are summed up then divided by the number of nodes at that 
same declination angle to give the average number of crystal orientations per node, 
per declination angle. 
An example of this analysis was done for a set of random crystal orientations (shown 
in the pole figure of Fig. A-4). This set of random orientations should show a nearly 
uniform number of orientations per bin, per declination angle (Fig. A-5). If there are 
significantly more crystal orientations per bin at a particular declination angle, that would 
suggest a preferred orientation over the area which the EBSD mapping took place.  
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